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Ultraviolet Nanosecond Laser Annealing (UV-NLA) was performed on 30 nm-thick Si0.8Ge0.2 epitaxial layers. The various regimes
encountered, depending on the melt depth after single pulse UV-NLA, are described and discussed in this paper. Energy densities
around 2.00 J/cm2 and above led to the formation of pseudomorphic layers with a strong Ge redistribution. Starting from uniform
Si0.8Ge0.2 layers, Ge segregation toward the surface resulted in the formation of a Ge-rich surface layer with up to 55 at.% Ge for
2.00 J/cm2. Such pseudomorphic SiGe layers with a graded composition and a Ge-rich surface may find promising applications such
as contact resistance lowering in doped layers.
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The continuous downscaling of transistors results in a need for
ultra-shallow junctions and highly-doped layers. Annealing processes
are key and have evolved toward shorter timescales to meet techno-
logical requirements.1,2 Rapid Thermal Processes (RTP), lasting a few
seconds, and then millisecond anneals (introduced more than ten years
ago) are currently widely used. Nowadays, Nanosecond Laser An-
nealing (NLA) with pulse durations well below the microsecond re-
ceives much attention because of several promising results obtained
on silicon. Thanks to the extremely short pulse duration and very
limited Ultra-Violet (UV) light penetration into silicon and most of
the other semiconductors, UV-NLA is a very promising selective an-
nealing technique for 3D sequential integration (in which at least two
levels of devices are fabricated on top of one another).3–6 Moreover,
higher dopant activation levels compared to classical anneals have
been demonstrated in silicon7–9 and germanium.10,11

However, there are few studies dealing with the behavior of silicon-
germanium layers upon UV-NLA. Such layers are of high interest due
to their higher hole mobility12 compared to silicon (p-type Metal Ox-
ide Semiconductor channel engineering) and their compatibility with
current microelectronics devices. Very low resistivity Boron doped
SiGe raised sources and drains compressively stress the channel of
short gate length devices, resulting in better electrical performances.
In addition, nanosecond laser annealing on SiGe layers was shown to
lower the contact resistivity thanks to the formation of a Ge-rich con-
tact interface.13–15 Indeed, an increased Ge content at the metal/p-SiGe
interface improves contact resistance thanks to bandgap modulation
and Fermi level pinning close to the valence band edge. In the present
study, we investigate the different regimes encountered when using
UV-NLA on undoped pseudomorphic Si0.8Ge0.2 layers at various laser
energy density values. We will notably focus on strain relaxation and
germanium distribution. Our goal is notably to identify laser annealing
conditions that yield perfectly recrystallized, modified Si1-xGex layers
with interesting device properties.

Experimental

30 nm-thick pseudomorphic Si0.8Ge0.2 layers were grown at 550°C,
20 Torr on n-type Si (100) substrates in a 300 mm Reduced Pressure
Chemical Vapor Deposition (RPCVD) Epsilon 3200 tool from ASM.
Before deposition with Si2H6 and GeH4 gaseous precursors, a ‘HF-
last’ wet cleaning followed by an in-situ H2 bake at 1100°C were used
in order to obtain epi-ready Si surfaces. Then, samples underwent
pulsed laser annealing in pure N2. A SCREEN-LT3100 system, based
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on a XeCl excimer laser (308 nm wavelength and ∼145 ns FWHM
pulse duration),16 was used to that end. 15 × 15 mm2 fields were ex-
posed to single laser pulses at various energy density values, ranging
from 1.40 to 2.40 J/cm2. This range was chosen in order to investi-
gate various regimes, from layer sub-melt to energy densities at which
the whole SiGe layer and part of the Si substrate underneath reached
the molten state. The non-uniformity of the laser energy density was
below 3% within each field of exposure. In-situ Time-Resolved Re-
flectivity (TRR) at 635 nm was used to detect the melt threshold and
estimate melt duration.17 Haze measurements (i.e. light diffused in a
non-specular fashion by the surface when shining a laser beam on it) in
a SP2 tool from KLA Tencor (360 nm wavelength) and Atomic Force
Microscopy (AFM, Dimension FastScan system from Bruker, 10 ×
10 μm2 and 5 × 5 μm2 scans) were performed to quantify the surface
roughness and identify the various regimes. Strain and crystallinity
were studied by High Resolution X-Ray Diffraction (HR-XRD). Re-
ciprocal space maps (RSM) around the (224) reflection were acquired
with an X’Pert Pro PANalytical tool. Germanium concentration depth
profiles were obtained using Time of Flight Secondary Ion Mass Spec-
trometry (ToF-SIMS) in an ION TOF ToF-SIMS 5 system. Detection
area of the SIMS measurements using Bi+ ions was 70 × 70 μm2.
Additional information on crystalline quality and germanium depth
profiles was inferred from Transmission Electron Microscopy (TEM)
observations performed with a TECNAI OSIRIS, coupled to Energy
Dispersive X-ray (EDX) micro-analysis.

Results and Discussion

Regimes determination.—Surface reflectivity evolution as a func-
tion of time was recorded for each laser shot, as illustrated in
Figure 1a. These profiles were used to generate the TRR map shown in
Figure 1b by stacking them on top of one another. From TRR data, the
Si0.8Ge0.2 surface melt threshold was found to be around 1.58 J/cm2,
as shown by the sharp peak in the TRR signal at the end of the pulse in
Figure 1a1. When increasing the laser energy density (ED) above this
critical value, melt duration increased quasi-linearly, from 55 ns near
1.60 J/cm2 up to 180 ns at 2.40 J/cm2. From TRR data, the sub-melt
regime is therefore in the 0 to 1.58 J/cm2 energy density range.

Further regime identification was performed thanks to ToF-SIMS
depth profiles of the germanium atomic concentration in the as-grown
layer and in samples annealed at various laser energy densities. Depth
was corrected by adjusting the SiGe sputtering rate as a function of
germanium content. Moreover, a correction was performed to reduce
the germanium content overestimation near the surface caused by the
presence of oxide in the very first nanometers. The corresponding
germanium profiles are provided in Figure 2. An almost flat profile,
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Figure 1. Time-Resolved Reflectivity (TRR) and laser pulse profiles (a) for
three different laser energy densities recorded during annealing of 30 nm-
thick Si0.8Ge0.2 layers. During laser annealing, the surface reflectivity is first
modulated by the temperature rise then strongly increased by the solid to liquid
phase change. Upon solidification, the reflectivity decreases down to values
close to the initial ones. TRR profiles can thus be used to identify melt threshold
and melt duration. The color map (b), obtained by stacking all the TRR profiles,
shows the time and laser energy density dependence of surface reflectivity.

Figure 2. ToF-SIMS germanium atomic concentration depth profiles in sam-
ples annealed at laser energy densities ranging from 1.59 to 2.40 J/cm2. Arrows
indicate the melt depth for samples with partial or total melt of the initial SiGe
layer.

Figure 3. (a) Evolution of SP2 haze and AFM RMS roughness (10 × 10 μm2

scans) of initially 30 nm thick Si0.8Ge0.2 layers, as functions of laser energy
density. A strong increase of both roughness metrics occurs around 1.55 J/cm2,
corresponding to the melt threshold of the SiGe surface. The threshold for full
melt regime, known to be between 2.00 and 2.20 J/cm2, is indicated by a
single line at 2.10 J/cm2. (b) AFM images (5 × 5 μm2 scans) corresponding
to samples annealed at 1.42 (sub-melt), 1.65 (partial melt) and 2.2 J/cm2 (full
melt).

with a mean 18.7 at.% germanium concentration, was found in the as-
grown sample. The SiGe/Si interface was located at 28.6 nm, which
is close to the expected layer thickness. For energy densities in the
melt regime, i.e. above 1.58 J/cm2, different effects can be observed:
the sample annealed at 1.59 J/cm2 shows no significant differences
with the as-grown one, while a germanium redistribution is evident
for those annealed at higher energy densities. For samples annealed at
1.80 and 2.00 J/cm2, there are, when moving from the Si substrate to
the surface: (i) a SiGe/Si interface at the same depth as in the as-grown
sample; (ii) a germanium concentration peak close to that interface at
the initial Ge content (i.e. 18.7 at.%); (iii) a lower Ge concentration in
the middle of the layer and, finally, (iv) a progressive increase in the
upper 10 to 15 nm, up to Ge contents much higher than the original
value in the epitaxial layer. The part with an unchanged germanium
content corresponds to the un-melted region, while germanium was
redistributed in the upper region because of segregation.18,19 During
solidification, Ge segregation indeed occurs at the solid/liquid SiGe
interface and the Ge concentration incorporated in the solid phase, χs,
can be expressed as:19

χs = k · χl [1]

where χl is the germanium concentration in the liquid phase near the
solid/liquid interface, and k is the partition coefficient. For SiGe alloys,
the partition coefficient was found by Brunco et al. to be in the 0.4–0.8
range.19 This partition explains the different gradients seen in Figure 2
for samples with partial melt of the SiGe film: when solidification be-
gins, only part of Ge atoms are incorporated from the uniform liquid
phase, resulting in a lower content region in the middle of the SiGe
layer. The liquid phase progressively becomes richer in Ge as solidi-
fication proceeds, forcing more and more Ge atoms to incorporate in
the lattice, thus explaining the Ge content increase from the middle of
the SiGe layer up to the surface, where a Ge-rich layer is observed. For
samples annealed at 1.80 and 2.00 J/cm2, a decrease of the Ge con-
tent is observed a few nanometers above the initial Si/SiGe interface,
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Figure 4. (224) reciprocal space maps (RSM) of initially 30 nm thick Si0.8Ge0.2 layers annealed at energy densities ranging from 1.59 to 2.40 J/cm2. The tilted
and vertical dotted lines starting from the bulk silicon peak indicate the theoretical position of the SiGe spot for a fully relaxed layer and a fully strained, i.e. a
pseudomorphic layer, respectively.
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which is less abrupt for the sample annealed at 1.8 J/cm2. This could
result from some local variations in the melt depth, i.e. a significant
liquid / solid interface roughness when solidification started. The melt
depths are estimated at mid-height of this decrease (cf. arrows in
Figure 2), with an accuracy corresponding to half the range over which
the decrease is observed. Melt depths are 20 ± 6 nm and 25 ± 2 nm,
respectively. For the sample annealed at 2.00 J/cm2, the measured Ge
concentration in the vicinity of the Si/SiGe initial interface is close
to 15 at.%. This value, slightly lower than the value in the epitaxial
sample (i.e. 18.7%), likely results from SIMS signal averaging over a
few nanometers. The two consecutive interfaces limiting the unmelted
SiGe layer, with a thickness ∼ 3–5 nm, are so close that Ge atomic con-
centration cannot reach its nominal value in between. For higher laser
energy densities (2.20 J/cm2 and above), the SiGe layer and part of
the Si substrate underneath were melted, which indicates the full melt
regime. In that case, germanium rapidly diffuses in the liquid phase18

during the annealing and is diluted over the whole melting layer. A
melt depth of approximately 45 nm can be estimated for the sample
annealed at 2.20 J/cm2. Again, a constant increase of the germanium
content can be noticed, from the molten depth up to the surface, due
to germanium segregation during recrystallization. It resulted in the
formation of layers with 10 to 15 at.% of Ge at 2.20 J/cm2, and 6
to 7 at.% at 2.40 J/cm2. The laser energy density beyond which the
melt depth exceeded the initial SiGe thickness was between 2.00 and
2.20 J/cm2. Similar profiles were observed by SIMS and TEM by Ong
et al.,20,21 Everaert et al.14 or Chiussi et al.22 In the partial melt regime,
they obtained a Ge content minimum at mid-layer and an increase near
surface. However, Luong et al.23 obtained different profiles in a sim-
ilar regime and suggested that this inhomogeneous distribution was
due to their laser pulse shape. For energy densities corresponding to
full melt, they found profiles similar to the current ones, i.e. a rather
gradual Ge increase in the bulk of the layer and a sharp increase close
to the surface.

SP2 haze and AFM Root Mean Square (RMS) roughness measure-
ments were used to assess surface quality in each of these regimes.
Similar evolutions are evidenced in Figure 3: for energy densities be-
low 1.55 J/cm2, roughness and haze remain close to the as-grown
values, while higher values are observed for energy densities between
1.55 and 1.90 J/cm2, with a maximum near 1.63 J/cm2. Finally, for en-
ergy densities above 1.90 J/cm2, roughness and haze intensity return
to lower values. The roughness increase at 1.55 J/cm2 is associated
with the onset of melt, indicating that the partial melt regime starts
at 1.55 J/cm2. This value is slightly lower than the melt threshold de-
tected by TRR, which is consistent with the fact that a few nanometers
of liquid material is required to significantly impact surface reflectiv-
ity (i.e. TRR) at 635 nm. The partial melt regime can be divided into
sub-regimes: a first one from 1.55 to 1.9 J/cm2 with a poor surface
quality, and a second one from 1.9 to ∼2.1 J/cm2 with a smooth sur-
face. Finally, surfaces are smooth in the full melt regime, with haze or
roughness values similar to that at the end of the partial melt regime.

Study of stress relaxation.—HR-XRD24 measurements were per-
formed on at least one sample in each regime to quantify strain re-
laxation, if any. RSMs around the silicon (224) diffraction peaks are
shown in Figure 4. They were acquired in a grazing exit geometry with
a 1D Pixel detector. The streak appearing on the Si reflection is due
to diffuse scattering along the angular aperture of the 1D detector. For
energy densities lower than 1.55 J/cm2, i.e. in the sub-melt regime,
RSMs remain identical to that of the as-grown layer. At the onset of
surface melting (1.59 J/cm2), the SiGe peak exhibits a slight tail toward
lower Qz values. It likely corresponds to the onset of relaxation of some
compressive stress close to the surface, simultaneously with surface
roughening. For energy densities around 1.70 J/cm2 and 1.80 J/cm2,
the SiGe peak strongly broadens and deviates from the pseudomor-
phic line. It can therefore be assumed that the corresponding layers
are partially relaxed. At 1.80 J/cm2, the diffraction spot correspond-
ing to the SiGe layer is even more complex, with two contributions.
The stronger one is widely spread and deviates from the pseudomor-
phic line, suggesting the presence of a partially relaxed SiGe layer.

Figure 5. Evolution of the macroscopic degree of stress relaxation of initially
30 nm-thick Si0.8Ge0.2 layers as a function of the energy density, calculated
with data obtained from Figure 4 RSMs. An increase of the relaxation, up
to 25%, is evidenced for samples annealed at 1.70 and 1.80 J/cm2. The open
symbol point at 1.80 J/cm2 corresponds to the additional weak contribution
observed in the associated (224) RSM. The dotted line is to be used only as a
guide for the eyes. The threshold for full melt regime, known to be between
2.00 and 2.20 J/cm2, is indicated by a single line at 2.10 J/cm2.

The second weaker contribution corresponds to an elongated spot on
the pseudomorphic line. This indicates that at least part of the layer
is pseudomorphic. For energy densities of 2.00 J/cm2 and above, the
SiGe (224) peak is once again vertically aligned with the Si (224)
spot, indicating that layers are pseudomorphic and of good crystalline
quality. This type of elongated spots, without thickness fringes, can be
associated with the formation of a layer with a graded Ge content, as
Kociniewski et al.25 observed after annealing of a 20 nm-thick Ge layer
on Si. However, without full simulations of the RSMs, only mean Ge
contents can be extracted from RSMs. They are therefore not indica-
tive of any intra-layer variations. Mean SiGe relaxation values were
calculated from these RSM, assuming that the layer was uniform, by
extracting the coordinates of the Si and SiGe diffraction patterns to
compute the in plane and perpendicular lattice parameters of SiGe (a//

and a⊥, respectively). These were used to obtain a0, the “mean” SiGe
lattice parameter in the relaxed state, calculated with formulas taken
from Rodriguez et al.26 and expressed in a different way:

a0 = a⊥ + α · a//

1 + α
[2]

with

α = 2 · C12

C11
[3]

where C11 and C12 are the elastic coefficients of the SiGe layer. For the
first iteration, bulk silicon parameters were used. The mean degree of
stress relaxation, R, and the mean atomic germanium concentration, x,
in the layer were calculated with the following formulas, taken from
Hartmann et al.:27

R =a// − aSi

a0 − aSi
[4]

a0 = 5.43105 + 0.1988 · x + 0.028 · x2 [5]

Such a concentration was then used to calculate approximate val-
ues of SiGe elastic coefficients C11 and C12, using a linear interpolation
between those of pure silicon and pure germanium. These calculations
were iterated several times, until R remained stable. Results are shown
in Figure 5. For samples annealed at 1.55 and 1.59 J/cm2, the macro-
scopic degree of stress relaxation R remains below 2%. It strongly
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Figure 6. Cross-sectional TEM micrographs of initially 30 nm thick Si0.8Ge0.2 layers annealed at 1.59 J/cm2 (a,b), 1.80 J/cm2 (c,d) and 2.00 J/cm2 (e,f).
Micrographs (a,c,e) show the Si substrate on the left and the full SiGe layer, while the images (b,d,f) are details taken from (a,c,e). Germanium profiles obtained
by STEM-EDX are added in yellow on the images (a,c,e) and in-plane strain profiles from precession are shown in green for (c,e).

increases up to 25% for samples annealed at 1.70 and 1.80 J/cm2.
For those annealed at the highest energy densities (2.00 J/cm2 and
above), R goes back to values around 2%. In the submelt regime, up
to 1.55 J/cm2, no change can be noticed, neither in surface quality
nor in SiGe compressive strain. The partial melt regime is once again
divided into several parts. For the lowest energy densities, at 1.55 and
1.59 J/cm2, relaxation remains low, even though roughness measure-
ments indicate that the surface was degraded. However, annealing at
1.70 and 1.80 J/cm2 causes a partial relaxation up to 25% while the
roughness starts to decrease: this corresponds to a sub-regime with a
poor crystalline quality. Finally, a return to pseudomorphic and smooth

layers with low surface roughness is observed above 1.90 J/cm2, at the
end of the partial melt regime and in the full melt regime. This range
is interesting for applications given the good crystalline quality and
the smoothness of the resulting layers. The high Ge content near the
surface for samples at the end of partial melt and in the beginning of
full melt regime should be favorable for contact formation with doped
layers.13–15

Origin of stress relaxation in the partial melt regime.—The crys-
talline quality of some samples from partial and full melt regimes was
studied by cross-sectional TEM. Scanning TEM (STEM) observations
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were performed in the High Angle Annular Dark Field (HAADF)
mode. These observations were combined with Energy Dispersive X-
ray (EDX) microanalysis to study the chemical profiles of the annealed
layers. Finally, precession electron diffraction measurements were per-
formed to obtain the in-plane and out-of-plane strain depth profiles for
the full layer. Unlike the XRD/RSM measurements discussed above,
precession measurements take the Si substrate as a reference. In such
conditions, strain is measured wherever the lattice parameter diverges
from the cubic silicon lattice parameter. Micrographs from samples
in the partial melt regime are shown in Figure 6, along with germa-
nium profiles and in-plane strain profiles. The sample annealed at
1.59 J/cm2 exhibits a pseudomorphic layer with no visible defects and
a flat germanium profile. These observations are consistent with SIMS
measurements. At 1.80 J/cm2, the layer shows more contrast and is
divided into different regions: the main part of the layer, from the
Si/SiGe interface to ∼5 nm below the surface, is a crystalline layer,
while the near-surface region (< 5 nm) appears to be amorphous. The
origin of such amorphous region remains, at this stage, unexplained.
The germanium profile obtained by STEM-EDX is very similar to the
SIMS profile, with sharper interfaces and a germanium concentration
of 45 at.% near the surface. This can be explained by the spatial res-
olution difference between these techniques. STEM-EDX is a local
technique while SIMS integrates the Ge profile on a larger area, aver-
aging signal from areas with several melt depths as discussed before.
The in-plane strain profile shows a higher deformation (compared to
the Si substrate lattice parameter) for the melted layer compared to the
un-melted one, indicating that stress relaxation mainly occurs in the
melted part. However, even in the un-melted region, the strain value
does not reach zero, also indicating a partial relaxation of the layer.
Finally, at 2.00 J/cm2, the layer is pseudomorphic and shows no signs
of an amorphous layer near the surface. A few extended defects can
still be observed at the Si/SiGe interface, such as the stacking fault in
(f), or near the surface. None of the observed defects exhibit elongated
segments parallel to surface (typical of misfit dislocations), which can
induce significant stress relaxation. This is consistent with the ob-
served SiGe peak in the (224) RSM (Figure 4) which is characteristic
of a strained SiGe layer. The Ge concentration goes up to 55 at.%
near the surface. The in-plane strain remains constant at zero, indi-
cating that the layer is perfectly pseudomorphic even in the presence
of a germanium gradient. The sample annealed at 2.40 J/cm2, i.e. in
the full melt regime, was also investigated (images not shown here):
the layer was monocrystalline and without any extended defects. The
melt depth was 73 nm below the surface, lower than the 85 nm value
obtained by SIMS: such a discrepancy might be due to a sputtering
rate overestimation in SIMS.

The solidification process of the samples annealed at 1.80 and
2.00 J/cm2 led to completely different results in terms of crystalline
quality, surface roughness and stress relaxation, even though the orig-
inal conditions did not vary much: both have similar annealing energy
densities, are in the partial melt regime, and result in a strong redistri-
bution of germanium with a high Ge content near surface. It is already
known that nanosecond laser annealing can cause the incorporation of
impurities such as oxygen into the layer.28 However, as shown by the
SIMS profiles provided in Figure 7, oxygen incorporation is identical
in both samples, and is therefore not the root cause of the differences
in layer quality. In addition to a potential contamination, we also have
to consider the critical thickness, i.e. the threshold thickness above
which plastic relaxation can occur.29 When melting occurs, a temper-
ature gradient exists in the non-melted region, which extends for a few
hundred nanometers between the liquid/solid interface and the “cold”
substrate. In the partial melt regime, a portion of the initially strained
SiGe layer remains in the solid state while reaching very high tem-
peratures and, depending on its thickness, could therefore trigger the
relaxation process. If this was the case, relaxation should be observed
as soon as surface melting starts, i.e. when the thickness of the non-
melted SiGe layer is the highest. However, no relaxation was observed
after anneal at 1.59 J/cm2, i.e. when the thickness of the non-melted
SiGe layer was close to 30 nm, while it was observed at 1.80 J/cm2,
when the non-melted SiGe thickness is much lower (∼10 nm).

Figure 7. ToF-SIMS oxygen atomic concentration depth profiles in samples
annealed at laser energy densities of 1.80 J/cm2 and 2.00 J/cm2

Contribution to the relaxation process from the non-melted SiGe layer
can therefore be excluded. This conclusion is supported by precession
measurements at 1.80 J/cm2 which indicate that the relaxed part mainly
corresponds to the melted layer (cf. green curve in Figure 6c). This
also suggests that the timescale of this process is too short to trigger
relaxation in the solid phase.

It has already been reported that during Solid Phase Epitaxial
Regrowth (SPER) of amorphized Ge-rich SiGe layers fabricated ei-
ther by Molecular Beam Epitaxy or ion implantation, relaxation
occurs through progressive roughening and {111} faceting of the
amorphous/crystalline interface, which facilitates the formation of
stress-relieving extended defects.30,31 In this work, STEM-HAADF
analysis of samples annealed at 1.80 J/cm2 and 2.00 J/cm2, shown in
Figure 8, allows to estimate the roughness of the liquid/solid (l/s) in-
terface separating the melted and un-melted regions at the beginning
of the crystallization process. Considering that the contrast in HAADF
images increases with the atomic mass, the sudden contrast variation
indicated by the red arrows in Figure 8 shows the position of the l/s
interface at the beginning of crystallization for each sample, in agree-
ment with the Ge concentration depth profiles reported in Figure 2.

Figure 8. STEM-HAADF micrographs of SiGe layers annealed at 1.80 J/cm2

(a) and 2.00 J/cm2 (b), showing the interface between the darker melted area and
the brighter un-melted area. The contrast is related to the chemical composition.
Zones are brighter when the Ge concentration is higher. The Si substrate is
clearly visible at the bottom of the image, being darker than the SiGe layer.
The red arrows indicate the limit between the SiGe layer that was melted, and
the one that remained solid, while the black one indicates a step in the l/s
interface, and the blue one an extended defect.

) unless CC License in place (see abstract).  ecsdl.org/site/terms_use address. Redistribution subject to ECS terms of use (see 140.93.1.181Downloaded on 2019-07-24 to IP 

http://ecsdl.org/site/terms_use


P208 ECS Journal of Solid State Science and Technology, 8 (3) P202-P208 (2019)

For the sample annealed at 1.80 J/cm2, a faceting of the l/s interface,
with a corresponding few nm-thick step, is clearly visible (cf. black
arrow in Figure 8a). Extended defects nucleated close to the l/s inter-
face are highlighted by the blue arrow in the same figure. The observed
l/s interface morphology is consistent with the strong stress relaxation
measured by XRD and RSM in the same sample (cf. Figures 4 and 5).
By contrast, the l/s interface is virtually flat for the sample annealed
at 2.00 J/cm2, with no stress relaxation evidenced by RSM measure-
ments. In line with the relaxation mechanism for SPER regrown SiGe
layers, it is therefore proposed that the relaxation of compressively
stressed SiGe layers observed after NLA annealing in the melt regime
is triggered by the roughening and faceting of the l/s interface at the
beginning of the recrystallisation step. In contrast, when the recrys-
tallisation starts from a flat l/s interface (located either within the SiGe
layer or deeper in the Si substrate) the final structures are not relaxed,
independently of the Ge segregation occurring during solidification.
Further investigations are needed to confirm this scenario for differ-
ent SiGe/Si stacks (both in terms of SiGe thickness and Ge content)
and to elucidate the evolution of the l/s interface roughness during the
melting process.

Conclusions

Ultraviolet Nanosecond Laser Annealing (308 nm, 145 ns) was per-
formed on 30 nm-thick Si0.8Ge0.2 epitaxial layers grown on Si (001)
with a wide range of energy density. The surface morphology, the crys-
talline quality, the strain and the composition of the resulting layers
were carefully characterized. It allowed an accurate description and
understanding of the different regimes encountered. In the submelt
regime, i.e. below 1.55 J/cm2, no change was detected in terms of
surface morphology, strain or Ge concentration depth profile. When
slightly increasing the energy density above the melt threshold, the
SiGe layer quality was strongly degraded. Surfaces became rough,
the compressive stress was partially relaxed and the Ge concentra-
tion profile showed strong variations from the melted depth to the
surface. At 1.80 J/cm2, the melted depth was around 20 nm. In that
case, due to Ge partitioning at the solid/liquid interface during so-
lidification, the Ge content dropped down to 14 at.% at mid-layer
and exceeded 45 at.% at the surface. Detrimental plastic relaxation
reached 25%. Such a relaxation, which was observed for a limited
range of energy density, could be due to an excessive interface rough-
ness between the melted and un-melted layers. When increasing fur-
ther the laser energy density, UV-NLA led to the formation of high
quality pseudomorphic layers with a strong Ge redistribution. Start-
ing from uniform Si0.8Ge0.2 layers, Ge segregation toward the sur-
face resulted in the formation of a Ge-rich surface layer, with up to
55 at.% Ge for 2.00 J/cm2. Such pseudomorphic SiGe layers, with a
graded composition and a Ge-rich surface region, may find promis-
ing applications such as contact resistance lowering in case of doped
layers. Above a second threshold value, the whole SiGe layer and
part of the Si substrate were melted, leading to thicker pseudomor-
phic SiGe layers, with a graded composition and a lower average Ge
content.
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